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Spray atomization of two Al–Fe binary alloys:
solidification and microstructure characterization
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The effect of solidification history on the resultant microstructures in atomized Al–3Fe and
Al–7Fe powders is studied, with particular emphasis on the relationships between droplet
size, undercooling and phase stability. The atomized Al–Fe powders exhibit four
microstructural features, i.e. Al3Fe phase, Al+Al6Fe eutectic, α-Al dendrite and a
predendritic structure. The presence of these is noted to depend on a kinetic phase
competitive growth mechanism, which was determined by the initial undercooling
experienced by the powders. The results of scanning electron microscope analysis
demonstrate that the content of Fe in the α-Al phase increases with decreasing powder
particle size, i.e. for Al–3 wt % Fe powders, the content of Fe in the α-Al phase is 2.21 and
2.56 wt % corresponding to powder particle sizes of 90 and 33 µm, respectively; for
Al–7 wt % Fe powders, the content of Fe in the α-Al phase is 5.51 and 5.98 wt %
corresponding to powder sizes of 90 and 33 µm, respectively. In the present study,
homogeneous nucleation undercooling, corresponding to the α-Al phases, is also
estimated using an existing correlation. C© 1999 Kluwer Academic Publishers

1. Introduction
The extent of undercooling during solidification of met-
als plays a critical role in microstructural evolution by
dictating phase selection. Among the available tech-
niques that may be effectively used to enhance the de-
gree of undercooling during solidification, atomization
remains a popular choice as a result of its versatil-
ity and potential for tonnage production [1]. For ex-
ample, a single atomization experiment may be used
to generate a wide range of powder sizes with con-
comitant variation in solidification conditions [2, 3].
Control of the amount of undercooling prior to solidi-
fication may be effectively utilized to promote the for-
mation of non-equilibrium phases and highly refined
microstructures, with concomitant benefits to mechan-
ical behaviour. Increasing the extent of undercooling
may expand the range of available phases by allowing
competitive nucleation and growth [4–6]. Accordingly,
an understanding of the factors that control the extent
of undercooling may be helpful to tailor the micro-
structure.

The Al–Fe system is of interest for several reasons.
First, when solidified in the presence of a high under-
cooling, this system forms several dispersoids of AlxFe
type [7–9]. Second, this system constitutes the basis of
a family of commercially important elevated tempera-
ture Al alloys due to the very low equilibrium solid sol-
ubility and very low diffusion rate of Fe in Al [10, 11].

The microstructure and phase stability of Al–Fe alloys
are strongly influenced by the extent of undercooling
during solidification [12–14] as well as by the concen-
tration of Fe [15]. For example, under identical solid-
ification conditions lowering the Fe content can result
in a more homogeneous microstructure and finer pri-
mary AlxFe particles [15]. In addition, the content of Fe
has an effect on the relative stability of the metastable
Al6Fe phase and the stable Al3Fe phase [16]. It has been
well documented [12–14, 16] that two distinct types
of microstructure coexist in Al–Fe powders, i.e. a mi-
croeutectic or microcellular structure (Zone A) and a
dendritic structure (Zone B). Moreover, the presence
of a high undercooling can suppress or, at least reduce,
the formation of some primary phases [17]. The objec-
tive of the present investigation was to enhance the un-
derstanding of the effect of the solidification condition
on the resultant microstructure and phase stability of
Al–Fe alloys. The resultant microstructures were anal-
ysed, on the basis of related nucleation and growth theo-
ries. Particular emphasis was placed on elucidating the
relationships between droplet size, undercooling and
microstructure.

2. Experimental procedure
Two alloys with nominal compositions of Al–3 wt % Fe
(designated as Al–3Fe) and Al–7 wt % Fe (designated
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TABLE I Experimental variables and specific diameters of atomized
powders

Values

Variables Al–3Fe Al–7Fe

Fe, wt % 3.23 7.01
Superheat temperature, K 1053 1143
Atomization gas N2 N2

Atomization gas pressure, MPa 1.55 1.97
Gas flow rate, kg s−1 0.024 0.029
Metal flow rate, kg s−1 0.028 0.029
d16, µm 46 34
d50, µm 109 85
d84, µm 263 232

as Al–7Fe) were selected. The alloys were prepared
using pure Al (99.99%) and Fe (99.98%). In the atom-
ization experiments, the alloys were first superheated
to temperatures of 200 K above the equilibrium liq-
uidus, and maintained for 1 h toensure complete dis-
solution of all the primary phases. The alloys were
then cooled down to superheat temperatures of 90 K
above the liquidus, and atomized into a distribution of
micrometre-sized droplets using nitrogen gas. To re-
duce oxidation, the experiments were conducted inside
an environmental chamber, which was evacuated down
to a pressure of 100 Pa and backfilled with nitrogen
to a pressure of 1.05× 105 Pa prior to melting and
atomization. The primary atomization variables used
in the present study are listed in Table I. It should be
noted that in order to compensate for the differences
in melting temperatures between Al–3Fe and Al–7Fe
and hence the differences in superheat temperature, the
latter material was atomized using a slightly higher at-
omization pressure (1.97 MPa) relative to the former
(1.55 MPa).

The atomized Al–Fe powders were collected, and
the real content of Fe was determined using direct cur-
rent plasma emission spectroscopy method (Luvak Inc.,
Boylston, MA). Powder particle size distributions were
established by mechanical sieving according to ASTM
standard B214 and MPIF standard 5. The powders were
then mounted for microstructural analyses using stan-
dard metallographic techniques. Keller’s reagent (2.5%
NHO3 : 1.5% HCl : 0.5% HF : H2O) was used to reveal
microstructural features.

The phases that were present in the powders were
identified by X-ray diffractometry (XRD). The X-ray
measurements were conducted in a Siemens D5000
diffractometer using CuKα1 radiation with a wave-
lengthλ= 0.15406 nm. XRD spectra were determined
in the 2θ = 10–130◦ range with a resolution of 0.02◦
and a time step of 2 s.

Characterization of the morphology of the various
phases present and microanalysis of the Fe content in
specific phases were conducted using a scanning elec-
tron microscope (SEM). The SEM studies were also
carried out to measure the secondary dendrite arm spac-
ing (SDAS) in the atomized powders, and accordingly,
to determine the cooling rate the powders experienced
using an empirical equation.

Figure 1 Size distribution of atomized Al–Fe powders.

3. Results and discussion
3.1. Particle size distribution of atomized

Al–Fe powders
In the atomization of metals, droplet size and distri-
bution may significantly impact the thermal history
of droplets as well as solidification characteristics
of droplets during flight. Therefore, a knowledge of
droplet size and distribution is required to facilitate
understanding of solidification and the resultant mi-
crostructure. The size distributions for Al–3Fe and Al–
7Fe powders were established by summarizing the re-
sults of the sieving experiments in a probability graph
of cumulative weight percentage versus powder diame-
ter. The results summarized in Fig. 1 show that the size
distribution of the atomized powders may be approx-
imated by a logarithmic-normal function. Based on a
logarithmic-normal relationship, the mass median pow-
der diameter (d50) was determined to be 109µm for the
Al–3Fe alloy and 85µm for the Al–7Fe alloy, respec-
tively. The specific powder sizes,d16 andd84, which
corresponded to the opening of a screen mesh that let
through 16 and 84 wt % of the powders, respectively,
were also determined and summarized in Table I. There
was a difference in mass median diameterd50 between
the Al–3Fe and the Al–7Fe powders. The value ofd50
for Al–7Fe powders was smaller than that of Al–3Fe
powders. It is well recognized [18–21] that the powder
size distribution produced by the atomization process
is closely related to the operating variables, such as ra-
tio of gas to liquid flow rate and physical properties
and chemical properties of the liquid and atomizing
gas. The Lubanska equation [20] is a typical empirical
correlation commonly used for atomization of metals,
which shows that the mass median diameter of powders
(Dm or d50) is inversely proportional to the gas–liquid
flow ratio, Jg/Jl

Dm

Do
= Ka

[
νl

νgWe

(
1+ Jl

Jg

)]0.5

(1a)

and

We =
V2

g ρl Do

γl
(1b)
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whereDo is the liquid stream diameter;Ka is an exper-
imentally determined constant;νl andνg are the kine-
matic viscosities of the liquid and atomizing gas, re-
spectively;γ1 is the interfacial energy of the liquid;ρl is
the density of the liquid;We is Weber’s number; andvg
is gas velocity. In the present study, a higher atomizing
gas pressure was used for Al–7Fe alloy to compensate
for the difference in atomizing temperature between
Al–3Fe and Al–7Fe alloys. Therefore, the atomizing
gas flow rate in atomization of Al–7Fe powders was
higher than that of Al–3Fe powders, as shown in Table I.
Accordingly, the ratio of gas to liquid flow rate (1.0) for
Al–7Fe powder was larger than that (0.857) for Al–3Fe
powder. Consistent with the other studies [18–21], the
present results demonstrate that the mass median diam-
eter decreases with increasing ratio of gas to liquid flow
rates. Another parameter that can represent the spread
of powder size distribution is the standard deviation,
which can be expressed asσ = d84/d50, assuming that
powder size obeys a log normal distribution. Compari-
son of the standard deviation for Al–3Fe (σ = 2.41) and
Al–7Fe (σ = 2.73) indicated that a higher gas pressure
(Al–7Fe) resulted in a broader size distribution.

3.2. Cooling rate and solidification
behaviour of atomized powders

In the case of powders exhibiting a primary den-
dritic morphology, the secondary dendrite arm spacing
(SDAS) was measured for each powder size range. The
average SDAS corresponding to each powder size range
was graphed as a function of powder size. The results,
shown in Fig. 2, indicate that the SDAS decreases with
decreasing powder size. The measured SDAS were then
used to calculate average cooling rates experienced by
the powders during solidification according to the em-
pirical relationship proposed by Ahlborn and Merz [22]
for the Al-Fe alloy system

SDAS = 77Ṫ−0.42(µm) (2)

whereṪ is the cooling rate (K s−1). The results of these
calculations, which are also summarized in Fig. 2, show
that the cooling rates increase significantly with de-
creasing powder size. The cooling rates of the Al–7Fe

Figure 2 Measured secondary dendrite arm spacings (SDAS) and cal-
culated cooling rates as a function of powder sizes for atomized Al–Fe
powder particles.

powders were generally higher than those of the Al–3Fe
powders. Accordingly, the Al–7Fe powders showed a
finer secondary dendrite arm spacing. This difference
on cooling rate may be rationalized on the basis of
the slightly higher heat transfer coefficient that was
associated with the higher atomization gas pressure
(1.97 MPa) used for the Al–7Fe powders as compared
with that (1.55 MPa) used for the Al–3Fe powders [23].

It is known [24] that one of the characteristics of
rapid solidification is the attainment of relatively high
levels of undercooling prior to the onset of nucleation.
Atomization may be used to attain high levels of un-
dercooling while simultaneously promoting rapid rates
of thermal energy transfer, and thereby high cooling
rates. These conditions are typically used to rational-
ize the presence of a refined solidification morphology,
e.g. small SDAS, and the formation of non-equilibrium
microstructures, e.g. extended solid solutions, that are
commonly reported for atomized powders. The follow-
ing discusses the homogeneous undercooling and its
estimation for the current study using previous results.

The homogeneous undercooling corresponds to the
maximum level of undercooling that may be achieved
by metallic droplets prior to solidification, under given
environmental conditions such as droplet size and cool-
ing rate. The extent of undercooling that is necessary
for homogeneous nucleation in a spherical droplet may
be calculated on the basis of droplet size and cooling
rate by the following equation [25]

1T2
hom

= 16πσ 3
mÄ

2T2
l

3kTnHf ln
[
4π × 10−2D

(
r ∗
a

)2( a
Ä

)(V1Thom

102Ṫ

)]
(3)

whereV is the volume of the undercooled droplet (in
cubic metres),r ∗ is the critical radius of the nucleus
(metres);a is the atomic diameter (metres);D is the
liquid diffusivity (square metres per second);σm is the
solid–liquid interfacial energy (Joules per square me-
tre);Ä is the atomic volume (cubic metres per atom);k
is the Boltzmann constant (Joules per atom per kelvin);
Hf is the latent heat of fusion (Joules per mole);Tl is
the equilibrium liquidus temperature (Kelvins); andTn
is the nucleation temperature (Kelvins). It should be
noted that the magnitude of the prefactor in Equation 3,
4π × 10−2D(r ∗/a)2 (a/Ä), normally falls in the range
1041–1046 (m−3 s−1) [25]. An experimentally deter-
mined value, 1046 (m−3 s−1), was chosen in the present
investigation. Therefore, Equation 3 reduces to

1T2
hom=

16πσ 3
mÄ

2T2
l

3kTnHf ln
[
1044

(
V1Thom

Ṫ

)] (4)

Taking into account the cooling rates determined on
the basis of the previous section, and using the physi-
cal constants shown in Table II, the magnitude of the
homogeneous undercooling associated with the forma-
tion of theα-Al phase in the Al–3Fe and the Al–7Fe
powders was calculated, and the results are summarized
in Table III. These calculated results evidently indicate
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TABLE I I Thermodynamic parameters used in calculating the homo-
geneous undercooling of the Al–Fe droplets [12, 34]

Parameter Al–3Fe Al–7Fe

Interfacial energy,σm, J m−2 0.121 0.121
Atomic volume,Ä,m3 atom−1 1.65× 10−29 1.65× 10−29

Equilibrium liquidus,T1, K 938 1063
Boltzmann constant, k, J K−1 1.38× 10−23 1.38× 10−23

Latent heat of fusion,Hf , J mol−1 1.04× 104 1.02× 104

Atom diameter,a, m 3.45× 10−10 3.45× 10−10

Liquid diffusivity, D,m2 s−1 2× 10−9 2× 10−9

Specific heat of liquid,Cp, J mol−1 K 31.5 31.1

TABLE I I I Calculated cooling rates for Al–Fe powders and under-
coolings ofα-Al phase in Al-Fe powders

Al–3Fe Al–7Fe

d(µm) Ṫ (K s−1) 1Thom (K) Ṫ (K s−1) 1Thom (K)

128 9.2× 103 180.0 2.0× 104 196.0
98 1.3× 104 183.0 2.9× 104 198.0
58 2.6× 104 186.0 5.2× 104 201.0
41 4.0× 104 188.0 9.0× 104 204.0

that the homogeneous undercooling of the droplets is
dependent upon the thermal properties of the alloy, the
droplet size and the cooling rate experienced by the un-
dercooled droplets. For the Al–3Fe and Al–7Fe pow-
ders with the same size, such as 128µm, the calcu-
lated homogeneous nucleation undercooling was 180
and 196 K, respectively. This difference resulted from
the fact that: (i) Al–7Fe powders experienced a higher
cooling rate compared with Al–3Fe powders under the
same size category due to a difference in atomizing
gas pressure, and (ii) Al–Fe alloy with higher solute
content needs higher undercooling to achieve homoge-
neous nucleation. Inspection of the variation of under-
cooling with powder size demonstrates that smaller size
powder experiences a higher undercooling. The effects
of undercooling on the resultant microstructure will be
discussed below.

Figure 3 Microstructure of Al–7Fe powders showing different morphologies of primary phase Al3Fe: (a) Al–7Fe (+77 µm), optical; (b) Al–Fe
(+45µm), SEM.

3.3. Microstructure and competition of
different phases in atomized powders

The results obtained from metallographic studies re-
vealed that there were four types of microstructures
present in the Al–3Fe and the Al–7Fe powders. First,
as shown in Fig. 3, a fraction of the powders exhib-
ited coarse primary phases in the matrix ofα-Al. The
primary phases were generally needle-like (Fig. 3a) or
in some cases, blocky (Fig. 3b). This observation is
consistent with the studies on rapidly solidified Al–Fe
alloys [12–15] in which this primary phase was iden-
tified as the equilibrium Al3Fe phase. The second type
of microstructure exhibited an eutectic morphology,
Al–Al 6Fe eutectic, as shown in Fig. 4. The Al6Fe phases
were rod-like in the Al–Al6Fe eutectic. Fig. 5 presents
the third type of microstructure, which consisted of a
dendritic morphology of theα-Al phase. Finally, some
of the powders exhibited a predendritic microstructure
with two different rings, as shown in Fig. 6. This type
of predendritic structure was found in different sizes of
powders. In addition, several grains were observed in a

Figure 4 Microstructure of Al–7Fe powder (60µm) showing morphol-
ogy ofα–Al+Al6Fe eutectic phase (SEM).
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Figure 5 Microstructure of an Al–3Fe powder (90µm) showing a den-
dritic morphology (SEM).

Figure 6 Microstructure of Al–3Fe powder (90µm) showing a preden-
dritic structure (see arrow– (SEM). Several grains are visible.

single powder as shown in Fig. 6, which also demon-
strated that once the dendrite started to grow, with a
cell morphology, dendrite arms developed and this se-
quence stopped when the fronts from different nucle-
ation centres converged. Fig. 7 presents a grain bound-
ary betweenα-Al phases at a high resolution. Fig. 8
illustrates the various morphologies of theα-Al phase
as present in a single powder, which shows that large
differences in local solidification conditions may occur
in a single powder.

The phases that were present in the atomized Al–Fe
powders were further identified by XRD analysis. Ac-
cordingly, the XRD spectra corresponding to each pow-
der size range were compared with the standard diffrac-
tion files from each specific phase. Fig. 9 shows a typical
XRD spectrum from atomized Al–7Fe powders in the
size range 45–53µm. The strong diffraction peaks were
from the matrixα-Al phase, whereas the relatively weak
diffraction peaks were from the intermetallic phases,
e.g. Al3Fe or Al6Fe.

Figure 7 Microstructure indicating grain boundary in an Al–3Fe powder
(33µm, SEM).

Figure 8 Microstructure of Al–7Fe powder (+45µm) showing different
morphologies ofα-Al phase (SEM).

Figure 9 X-ray spectra of atomized Al–7Fe powders in the size range
45–53µm; the strong diffraction peaks are from the matrixα–Al phase.
The weak diffraction peaks from Al3Fe and Al6Fe are indicated in the
figure.

To a certain extent, processing variables can be
manipulated to control the degree of undercooling
and thereby promote a transition in solidification mi-
crostructural features. The formation of various phases
during atomization may be further understood on
the basis of a competitive nucleation mechanism.
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Figure 10 Al–rich side of the binary Al–Fe non-equilibrium phase dia-
gram, calculated by Murray [28].

Perepezko [26], Bosewell and Chadwick [27], for ex-
ample, elucidated how an increased cooling rate might
be expected to enhance the attainment of high un-
dercooling before nucleation of different phases using
time–temperature–transformation (T–T–T) curves. It is
likely that competitive continuous cooling transforma-
tion curves will involve competition among at least a
few different morphologies [27]. Hence, the probabil-
ity of forming a particular phase may be predicted by
considering the level of undercooling achieved under
high cooling rate or low cooling rate conditions. For
the present Al–Fe powders, the formation of different
phases may further be rationalized using a metastable
phase diagram. Fig. 10 shows the Al-rich side of
the binary Al–Fe phase diagram, which includes the
metastable phase boundaries andα-Al lines as calcu-
lated by Murray [28]. The phase diagram indicates that
the formation of a range of metastable phases and mi-
crostructural morphologies depends on the degree of
initial undercooling experienced by the droplets [4–6].

It has been argued in the previous discussion that the
formation of various phases is influenced by the degree
of undercooling experienced by the powders. The rela-
tive amount of these phases, however, may also be af-
fected by their growth kinetics. For example, it has been
shown that at high solid–liquid interface growth veloc-
ities, the Al6Fe phase is favoured in suppression of the
Al3Fe phase and the minimum growth velocity neces-
sary for suppression of the Al3Fe phase increases with
Fe content [29, 30]. More recently, Gilgienet al. [31]
summarized the relationship among the composition,
interface growth rate and microstructure formation for
Al–Fe alloys using a microstructure selection map. It
was concluded [31] that the interface growth velocity
needed for the favourable formation of Al3Fe, Al6Fe
and α-Al phases increases sequentially, and forma-
tion of a particular phase is controlled by the interface
growth rate corresponding to the undercooling. Fig. 5,
in the present study, shows theα-Al +Al6Fe phase
present along theα-Al phase boundary, indicating that
theα-Al phase first formed, and as the interface tem-
perature raised due to recalescence, theα-Al +Al6Fe
phase became competitive. From Fig. 4, however, it

can be seen that theα-Al +Al6Fe phase was developed
completely. The interface growth velocity of a particu-
lar phase can be related to the undercooling experienced
by a powder. For dynamic solidification conditions in
the Al–Fe system, Chu and Granger [32] derived a ki-
netic relationship between interface growth velocity,
V , and undercooling,1T . For Al–3Fe, the relationship
was approximately expressed as

V = 8.85× 10−61Tα (5a)

and

α = 3.66− 0.36 log1T (5b)

whereV is in metres per second, and1T in kelvine.
For Al–7Fe, the relationship was expressed as [32]

V = 5.78× 10−71Tα (6a)

and

α = 3.89− 0.34 log1T (6b)

Comparison of Equations 5 and 6 indicates that the ex-
tent of undercooling has a relatively strong influence
on the interface velocity ofα-Al in the Al–3Fe sys-
tem. Assuming that the achievable initial undercooling
1T after the onset of nucleation equals that for ho-
mogeneous nucleation, the initial interface growth ve-
locity can be estimated using Equations 5 and 6. As
shown in Fig. 11, these calculated results of the initial
interface growth velocity, based on experimental data in
Table III, indicate that the interface velocity increases
with decreasing powder particle size because the cool-
ing rate increases with reducing particle size. It also
indicates that the composition of Fe has a significant
effect on the interface velocity, supporting that com-
pared with dilute alloys (e.g. Al–3Fe), concentrated al-
loys (e.g. Al–7Fe) need higher undercooling or a higher
cooling rate to achieve an equivalent interface growth
velocity. Note that the diffusion velocity of Fe in liquid

Figure 11 Interface growth velocity with different powder size for
Al–3Fe and Al–7Fe powder particles.
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TABLE IV Measured Fe content (wt %) inα-Al phase using SEM

Al–3Fe Al–7Fe

90µm 55µm 33µm 90µm 55µm 33µm

2.19 2.53 2.69 5.47 5.72 5.96
2.23 2.39 2.56 5.52 5.81 5.99
2.35 2.16 2.70 5.48 5.80 5.96
2.08 2.37 2.46 5.54 5.64 5.97
2.14 2.43 2.56 5.48 5.76 5.99
2.34 — 2.36 5.54 5.82 5.99
2.15 — — — — —

Averaged2.21 2.38 2.56 5.51 5.76 5.98

Al was estimated to be in the range of 5 ms−1 [12].
Partitionless solidification should, therefore, occur as
the interface growth velocity is larger than the diffu-
sion velocity, and accordingly, a microsegregation-free
structure should be formed. Moreover, examination of
the powder microstructure showed no direct evidence
that such a microsegregation-free structure formed, in-
dicating an absence of such a high interface growth ve-
locity (or undercooling) achieved. This is most likely
that heterogeneous nucleation was dominant due to the
presence of potential catalytic sites for nucleation.

3.4. Solubility and microanalysis of Fe
Chemical analysis using plasma emission spectroscopy
was carried out to determine the real composition
of Fe in Al–3Fe (Al–3.23 wt % Fe) and Al–7Fe (Al–
7.01 wt % Fe) atomized powders (see Table I). Table IV
summarizes the measured Fe contents in theα-Al phase
as determined for Al–3Fe and Al–7Fe powders of dif-
ferent powder sizes (33, 55 and 90µm) using SEM mi-
croanalysis. Fig. 12, graphed on the basis of Table IV,
demonstrates that for Al–3Fe and Al–7Fe powders, the
content of Fe in theα-Al phase increases with decreas-
ing powder size. For example, for Al–3Fe powders, the
content of Fe in theα-Al phase is 2.21 and 2.56 wt %
corresponding to powder sizes of 90 and 33µm, respec-
tively; for Al–7Fe powders, the content of Fe inα-Al
phase is 5.51 and 5.98 wt % corresponding to powder

Figure 12 Variation of Fe content inα–Al phase with powder size for
Al–3Fe and Al–7Fe powder particles.

sizes of 90 and 33µm, respectively. It has been docu-
mented [33] that the maximum solid solubility of Fe in
Al at equilibrium is 0.025 at %. In the present study, the
SEM microanalysis results (Table IV) demonstrate that
the solubility of Fe in theα-Al phase can be extended
significantly under the investigated solidification con-
ditions. For example, the content of Fe in theα-Al phase
was 2.21 and 5.51 wt % corresponding to 90µm pow-
ders of Al–3Fe and Al–7Fe, respectively. Note that care
must be taken for microanalysis using SEM as the cell
size decreases. The X-ray spot for microanalysis may
cross at the grain boundaries where theα-Al +Al6Fe
eutectic could exist.

The Fe content in the predendritic structure was also
analysed using SEM microanalysis. The predendritic
structure was formed by two zones (as shown in Fig. 6).
There was a difference in Fe content between the inner
and the outer zone. The averaged Fe content of the inner
zone was 3.31 wt %, whereas it was 2.76 wt % for the
outer zone in the predendritic structure.

4. Conclusions
In the present study, four types of microstructures in
the atomized Al–Fe powders were found, Al3Fe phase,
Al +Al6Fe eutectic,α-Al dendrite and a predendritic
structure. SEM microanalysis demonstrated that the
content of Fe in theα-Al phase increases with decreas-
ing powder size such that for Al–3Fe powders, the con-
tent of Fe in theα-Al phase is 2.21 and 2.56 wt %
corresponding to powder sizes of 90 and 33µm, re-
spectively; for Al–7Fe powders, the content of Fe in
theα-Al phase is 5.51 and 5.98 wt % corresponding to
powder sizes of 90 and 33µm, respectively. The results
also show that the undercooling increases with increas-
ing cooling rate and decreasing size of the atomized
powders.
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